I. INTRODUCTION
Superhard nanocomposites consisting of 3-4 nm size nanocrystals of a hard transition-metal ͑Tm͒ nitride ͓TiN, VN, ͑Ti 1−x Al x ͒N, ͑Cr 1−x Al x ͒N…͔ "glued" together by about one monolayer ͑1 ML͒ thick covalent nitrides ͑e.g., Si 3 N 4 ͒ with hardness ranging from 45 to Ն100 GPa, which were developed during the last decade, [1] [2] [3] attracted much attention of the scientific community and found also many industrial applications as protective coatings on tools for machining, such as drilling, turning, milling, stamping, forming and like. 4 Their nanostructure provides them with a large hardness enhancement by a factor of 3 to Ն5 as compared with the hardness of individual phases. The nc-TiN/ a-Si 3 N 4 nanocomposites ͑for the meaning of the symbols see Ref. 5͒ were studied in great detail and, therefore, represent the "prototype" system. For these reasons the focus in the present paper will be on this material. Because the experimentally obtained hardness enhancement and other properties of all nc-TmN/ a-Si 3 N 4 superhard nanocomposites, that were prepared according to the generic design principle, 1, 3 show close similarities, the results of the present paper should be of general nature and applicable also to these systems.
We use ab initio density-functional theory ͑DFT͒ calculations in order to provide a detailed study of the electronic structure of the fcc͑NaCl͒-TiN/ 1 ML-SiN x / TiN ͑see remark Ref. 6͒ interface and of the mechanism of decohesion and shear under applied load. Earlier experimental studies and the detrimental role of oxygen impurities on the mechanical properties were summarized in recent reviews and papers 3, 7, 8 to which we refer for further details. Here we shall mention only those results of the experimental work which are relevant to the present study.
When Argon and Veprek calculated, on the basis of measured indentation curves, that the tensile stress, which the ultrahard nc-TiN/ a-Si 3 N 4 / TiSi 2 nanocomposites sustain without fracture, reaches values of Ն40 GPa, they concluded that the strength of these nanocomposites approaches the ideal strength of strong, flaw-free materials. [9] [10] [11] Thus, the about 1 ML thick Si 3 N 4 -like interface between the TiN nanocrystals 1, 3 should be essentially free of flaws, i.e., there had to be an almost perfect binding between the silicon and nitrogen atoms in that interface, giving the same chemical shift of the Si 2p signal in x-ray photoelectron spectra, like in stoichiometric Si 3 N 4 , but with some strain due to mismatch of the sizes of the Si and Ti atoms ͑see Fig. 12b in Ref. 3͒ . A 1 ML thick SiN x interface in nanocomposites with randomly oriented TiN nanocrystals appears amorphous in x-ray diffraction ͑XRD͒ ͑Refs. 1 and 3͒ and selected area electron diffraction. 12 The fcc͑NaCl͒-SiN 1-3 ML thin interface, pseudomorphically stabilized between several nm thick TiN layers, has been recently reported in TiN/SiN/TiN heterostructures deposited by reactive sputtering, [13] [14] [15] [16] and it has been suggested to be the prototype of the interface in the "Ti-Si-N nanocomposites." 17 However, a variety of different ͑hkl͒ interfaces, possibly also faceted, have to coexist in superhard nanocomposites deposited at sufficiently high pressure of nitrogen and temperature. These must have randomly oriented TiN nanocrystals, fully segregated, stable Si 3 N 4 -like interfaces and show perfect stability up to Ն1100°C without any internal friction signal. 3, 18 Because the coatings reported in Ref. 17 were deposited at much lower temperature ͑see Refs. 17 and 19͒ than those reported in our papers, [1] [2] [3] 20 they had a pronounced columnar structure and strong preferential orientation of the relatively large ͑Ն10 nm͒ TiN crystals, as seen in Figs. 1 and 3 of Ref. 17 . This is a significant difference when compared to the perfectly isotropic morphology with random orientation of 3-4 nm size nanocrystals in nanocomposites deposited by plasma chemical vapor deposition at 550°C ͑Refs. 3, 12, and 20͒ or by reactive sputtering in pure nitrogen at 600°C. 21 [1] [2] [3] 18, 20, 22 We emphasize that fcc͑NaCl͒-like-SiN may exist only as pseudomorphically stabilized 1-3 ML thick interfacial layers in the heterostructures. It collapses and becomes amorphous at a greater thickness. [13] [14] [15] This is due to the inherent instability of this material as shown by ab initio DFT calculations 23 and by more recent calculations of the phonondispersion curves. 24 Furthermore, the thermodynamic studies [25] [26] [27] showed that the Gibbs free energy of the reaction 3SiN+ 0.5N 2 =Si 3 N 4 , which corresponds to a sufficiently large activity of nitrogen, is −168 kJ/ mol atom ͑see also remark Ref. 28͒. This is a large thermodynamic force driving the system toward stoichiometric, immiscible TiN and Si 3 N 4 when a sufficiently high nitrogen pressure is used during the deposition, and a sufficiently high temperature is maintained in order to allow the system to complete the phase segregation by diffusion. [1] [2] [3] 25 It has been found in several nc-TmN/ a-Si 3 N 4 superhard nanocomposite systems that, when the crystallite size reaches a minimum value of about 3 nm, the hardness reaches a maximum. 1, 3, 20, 29 Therefore, it has been suggested that there should be some strengthening resulting from the roughly 1 ML-Si 3 N 4 interface because a minimum crystallite size means a maximum interfacial area per unit volume. 20 This prediction of strengthening has been recently confirmed by ab initio DFT calculations of Hao et al. for a fcc-TiN-͑111͒ / Si 3 N 4 − ͑1010͒ interface 30, 31 and by Zhang et al. for several TiN/1 ML-SiN/TiN interfaces in both the fccTiN-like structure with octahedral coordination of Si to N as well as for the ß-Si 3 N 4 -like structure with tetrahedrally bonded Si. 23, 32 Similar strengthening has been recently reported also by Liu et al. for Si atoms inserted either intersticially or substitutionally into TiN with the strongest configuration being Si atom tetrahedrally coordinated to four N and four Ti atoms with Si-N bonds being significantly shorter than the Si-Ti distances. 33 Hao et al. have shown that the 1 ML Si 3 N 4 interface is the strongest configuration with a decohesion strength larger than that of bulk Si 3 N 4 crystal. Similar strengthening by a factor of 4-10 as compared to the bulk fcc͑NaCl͒-SiN has been found for the 1 ML SiN interface by Zhang et al., for both decohesion ͑which is relevant for brittle fracture͒ and shear ͑which is relevant for plastic deformation͒ in several significant crystallographic directions and slip systems. 23, 32 In both cases the strengthening has been attributed to an enhanced valence charge density ͑VCD͒ at that interface. However, Hao et al. assumed that the SiN x interface is the load carrier by fixing the relative position of Ti and N atoms in the upper and lower layers of the modeled slabs. Zhang et al. did not investigate the detailed electronic and atomic mechanism of decohesion and ideal shear. In view of the weak mechanical nature of the thermodynamically instable fcc͑NaCl͒-SiN ͑Ref. 23͒ one would intuitively assume that the 1 ML pseudomorphic SiN is also the weakest link in the heterostructures and nanocomposites, particularly when considering the recent work of Alling et al. who have shown on the basis of phonon-dispersion relations calculated by ab initio DFT that the bulk fcc͑NaCl͒-SiN is inherently, dynamically instable. 24 In this paper we shall present an ab initio DFT study of the electronic structure and detailed electronic and atomistic mechanism of decohesion and shear of the fcc͑NaCl͒-SiNlike interfaces. It will be shown that the partial valence charge transfer to this interface actually increases its strength but also causes oscillations of the VCD between the Ti-N planes attached to it, which are damped with increasing distance. These oscillations cause that decohesion and ideal shear do not occur within the SiN interface, but between Ti-N planes adjacent to it.
II. COMPUTATIONAL METHOD USED
The ab initio DFT calculations were done using the "Vienna ab initio simulation package" ͑VASP͒ code [34] [35] [36] with the projector augmented wave method employed to describe the electron-ion interaction 37 and the generalized-gradient approximation for the exchange-correlation term 38 together with the Vosko-Wilk-Nusair interpolation. The integration in the Brillouin zone has been done on special k points of 9 ϫ 9 ϫ 9 grids for the phases under consideration, and 5 ϫ 5 ϫ 3 grids for the interface systems, determined according to the Monkhorst-Pack scheme, 39 energy cutoff of 600 eV, and the tetrahedron method with Blöchl corrections for the energy calculation and Gaussian smearing for the stress calculations, respectively. The conjugate gradient method has been used for the relaxation of structural parameters. The stress-strain relationships were calculated by incrementally deforming the model cell in the direction of the applied strain, and simultaneously relaxing the cell basis vectors conjugated to the applied strain, as well as the positions of atoms inside the cell, at each step. To ensure that the strain path is continuous, the starting position at each strain step has been taken from the relaxed coordinates of the previous strain step. This approach with a relaxed loading path has been successfully applied to the calculation of the strength of several strong solids recently. 40, 41 In order to check the reliability of our calculations, the equilibrium volume ͑V 0 ͒, the bulk modulus ͑B 0 ͒, and its pressure derivative ͑B 0 Ј͒ were determined by least square fit of the E-V curves ͑total energy vs volume͒ calculated by the ab initio DFT to three equations of state: The traditional Murnaghan equation, 42 those by Birch 43 and by Vinet. 44 The values of V 0 , B 0 , and B 0 Ј obtained for the fcc͑NaCl͒-TiN and hcp͑ß͒-Si 3 N 4 are in good agreement with experimental results and calculated values reported in the literature. 26 The calculated values of the hypothetical fcc͑NaCl͒-SiN, which has been observed only as heteroepitaxially stabilized 1-2 ML thick interface in TiN/SiN/TiN heterostructures, [13] [14] [15] [16] could not be compared with experimental data. Nevertheless, our calculated value of the first derivative of the bulk modulus, B 0 Ј, of this phase of about 4 is within the range predicted by the universal binding-energy relation. 45 The value of the bulk modulus of hcp͑ß͒-Si 3 N 4 is about 27% higher than that of fcc͑NaCl͒-SiN indicating a smaller strength of the latter. 26 For convenience, all the Miller indices for interfaces in the following text are marked with respect to the unit cell of fcc͑NaCl͒-TiN.
During the calculations of the stress-strain dependences, the stress reaches a maximum ͑corresponding to the ideal strength for the given mode of deformation͒ at a relatively large strain, which may significantly change the crystal symmetry and the electronic structure. Therefore, we checked for any difference in the results of the calculations of the stressstrain curves for different meshes of k points. We obtained essentially the same results by choosing a larger mesh of 10ϫ 10ϫ 10 k points as compared to 9 ϫ 9 ϫ 9 for bulk phases. A similar check has been done also for the interfaces. For example, the calculated peak normal stress just before lattice instability ͑i.e., close to the ideal decohesion strength͒ of the ͑001͒ interface is 25.99 GPa with 5 ϫ 5 ϫ 3 k points and 25.63 GPa with 7 ϫ 7 ϫ 5 k points at the same normal strain of 0.1576 with a strain step of 0.05. For the ͑111͒ interface, the calculated peak normal stress is 56.8 GPa with 5 ϫ 5 ϫ 3 k points and 57.9 GPa with 7 ϫ 7 ϫ 5 k points at the same strain of 0.1576. As a further verification, we tested a possible effect of the cell size used in the calculations. For the same tensile strain of 0.1576 ͑just before the instability͒ the calculated peak normal stress on the ͑001͒ interface of about 26.1 GPa for the larger cell containing 32 atoms compares well with the values of 25.99 GPa for the smaller cell of 16 atoms. Also for the ͑111͒ interface, the calculated peak normal stress of 39.99 GPa for the larger cell ͑36 atoms͒ compares well with the value of 39.77 GPa for the smaller one ͑18 atoms͒ at the same normal strain of 0.1025, and the lattice instability occurs at the same critical strain of 0.15 and similar peak normal stress for both cells. These extensive checks of our procedure support the reliability of our ab initio DFT calculations for both bulk phases and interfaces.
III. RESULTS

A. Stability of the relaxed interfaces
As mentioned above, the substoichiometric fcc͑NaCl͒-SiN is thermodynamically unstable with respect to hcp͑ß͒-Si 3 N 4 , and the lattice of the pseudomorphically stabilized interface in the TiN/SiN/TiN heterostructures collapses when its thickness exceeds a few monolayers. Moreover, some of the stress-strain curves calculated by means of ab initio DFT in Refs. 23 and 32 showed concave shape at small strains indicating that there should be a ͑local͒ maximum of the total energy at zero strain, i.e., the related interfaces should be inherently unstable. Therefore, in the present paper, we first studied the ͑local͒ stability of the relevant pseudomorphic interfaces in the following way:
Using the ab initio DFT calculation we first fully relaxed the "input" cell ͑i.e., TiN in which the central layer of Ti has been replaced by Si͒ to minimum total energy without any applied stress. Because the VASP code keeps constant the given symmetry of the cell during this relaxation, this "minimum total energy" does not ascertain a local minimum of the system with respect to finite displacements. Therefore, we have, as a subsequent step, calculated the changes of the total energy when imposing small, finite displacements to the silicon atoms in the x and y directions, within the Si-plane, and the z direction perpendicular to it. The results are shown in Table I for a displacement of 3%, which was chosen for the initial test of the stability. Considering that in our notation, the more negative the total energy the more stable is that configuration, one can see that the ͑001͒ interface is unstable against displacement in the x, y, and xy, i.e., ͓110͔, ͓110͔, and ͓100͔ directions, respectively, but stable against displacement in the z direction. However, the ͑111͒ and ͑110͒ interfaces are ͑locally͒ stable.
The silicon atoms with six nitrogen neighbors are "overcoordinated" in the fcc͑NaCl͒-SiN, because its "natural" coordination derived from four valence electrons in 2s and 2p orbitals is four. The sixfold coordination is known only in some nitridosilicates, such as C 16 Si 15 O 6 N 32 ͑Ref. 46͒ or high-pressure phases, such as the Stishovit phase of silica and the spinel phases of the fourth group elements, such as ␥-Si 3 N 4 , ␥-Ge 3 N 4 , ␥-͑Si 1−x Ge x ͒ 3 N 4 and ␥-Sn 3 N 4 . 47, 48 The spinel structure consists of 8 f.u. of a total of 56 atoms of which eight cations ͑Si, Ge, Sn͒ are in tetrahedral ͑fourfold coordinated to N͒ and 16 in octahedral ͑sixfold coordinated to N͒ sites, whereas nitrogen is fourfold coordinated to the cations. In the past, a higher coordination number of silicon in some organosilicon compounds has been attributed to the participation of the 3d orbitals in the hybridization with 2s and 2p, 49 but more recently this concept has been questioned by several authors ͑see Ref. 50 for a review͒. Obviously, there is no stable compound where all Si atoms would be sixfold coordinated to nitrogen only, as in the fcc͑NaCl͒-SiN.
Therefore we conclude that, from the chemical point of view, bulk fcc͑NaCl͒-SiN is an intrinsically unstable compound, in agreement with the recent phonon-dispersion study of Alling et al., 24 and also 1 ML "fcc͑NaCl͒-SiN" ͑001͒ interface with full fcc symmetry is unstable. However, one may ask if the 1 ML-͑001͒ SiN interface may be stabilized by decreasing its symmetry, because there are many examples where highly symmetric configurations in molecules and crystals, particularly those with a high coordination TABLE I. Changes in the total energy as result of displacement of Si atoms by 3% in the three relevant directions x, y, and xy, which are within the Si plane, and z, which is perpendicular to it. Notice that the more negative the total energy the more stable that configuration is. Unit is eV/supercell. number, decrease their energy by decreasing their symmetry: e.g., Jahn-Teller distortion, lowering of the symmetry to a noncentric space group in ferroelectrics below the Curie temperature, the split interstitial effect in fcc metals, inert pair effect, and the like. 51 In order to answer the question regarding the possible instability of the 1 ML ͑001͒ interface, we calculated the dependence of the total energy of the cell on the finite displacement of Si atoms in the x, y ͓110͔ and xy ͓100͔ directions in that interface. Figure 1 shows that there is a local energy minimum at a displacement of Ϯ6% for the displacement in the xy direction, and at a displacement of Ϯ12% for the x or y displacements. Because the minimum in the x or y direction is deeper than those into the xy ones, the latter are saddle points with respect to the minimum in the x or y direction. The cell after full relaxation, and after the displacement of the Si atoms into the local minimum of total energy, is shown in Figs. 2͑a͒ and 2͑b͒, respectively. Figures 2͑c͒ and 2͑d͒ are the corresponding top views and Figs. 2͑e͒ and 2͑f͒ show the corresponding arrangement of Si to N neighbors. Obviously, the arrangement of the 1 ML Si after the cell relaxation corresponds to a tetragonal-like symmetry which is lower than that of the fcc one. However, after the x or y displacement of Si atoms by 12% into the deeper local minimum of the total energy ͑Fig. 1͒, the symmetry is strongly lowered as seen in Figs. 2͑d͒ and 2͑f͒. The Si-N distance of 0.2522 nm to the atoms on the left-hand side in Fig. 2͑f͒ is too large to be assigned to a covalent bond ͑no-tice, that bond length in the bulk, unstable fcc͑NaCl͒-SiN crystal is 0.2131 nm and in the stable, stoichiometric, hcp͑ß͒-Si 3 N 4 0.1764 nm͒. Obviously, the silicon atoms are trying to arrange into a kind of fourfold coordination to the two N atoms on the right and on the top and bottom.
Displacement of Si atoms
One notices that the displacement of the Si atoms is seen only when viewing in the ͓110͔ direction ͓perpendicular to the plane of Fig. 2͑b͔͒ but not when viewed in the ͓110͔ direction ͑i.e., from the left to right in that figure͒. Because of this fact and in view of the relatively small value of the displacement, it is difficult to recognize it even in highquality, high-resolution transmission electron micrographs ͑HRTEM͒ presented by Söderberg et al. 13, 14 Thus we conclude, that the ͑001͒ interface, which is inherently unstable in its symmetric, octahedral-like structure, reduces its energy to a local ͑metastable͒ minimum by strongly decreasing its symmetry when forming the configuration shown in Fig.  2͑f͒ .
A close look on Fig. 2͑b͒ shows that there are oscillations of the interplanar distances whose amplitude decays with increasing distance from the interface. These are due to oscillations of VCD, first identified as such by Friedel 52-54 which we discuss in the next section. Friedel oscillations occur, e.g., at the abrupt interface between a crystal and vacuum, liquid and solid, in semiconductors and metals as results of charged impurities, and they are also observed in a variety of other phenomena in nanosized materials. [52] [53] [54] Here we shall first complete the discussion of the structure of the relaxed ͑111͒ and ͑110͒ interfaces which are in ͑local͒ energy minima ͑Table I͒. Figure 3 shows the ͑111͒ and ͑110͒ cells with 1 ML Si interface. One notices that also in this case the fcc symmetry is reduced by a distortion of the interatomic distances. Interestingly, the reduction in the symmetry, as compared with the undistorted cell, is smaller in these cases than in the ͑001͒ interface, and these relaxed configurations are ͑locally͒ stable ͑Table I͒. A study of the detailed reasons for this finding, albeit interesting, is beyond the scope of the present paper. We just emphasize that, as seen in the top two figures ͑a͒ and ͑b͒ of Fig. 3 , Friedel oscillations occur also in these cells. It should be mentioned, that also Hao et al. 30, 31 found similar oscillations of the bond distances in his calculations of the TiN-Si 3 N 4 system using a different DFT code. At that time, Hao et al. have been interested in the strengthening of the Si 3 N 4 -like interface ͑see below͒ and did not realize the meaning of these oscillations. Therefore, these researchers did not study the effect of the Friedel oscillations in more detail.
B. Valence charge-density difference and Friedel oscillations
A close look on Figs. 2 and 3 shows that the Si-N bonds directed out of the 1 ML Si interface are shorter than those in bulk fcc͑NaCl͒-SiN crystal ͑0.2131 nm͒, and the shortest bonds in the strongly deformed ͑001͒ interface of 0.1797 nm is comparable with that in the stable, stoichiometric, bulk hcp͑ß͒-Si 3 N 4 ͑0.1764 nm͒. This is indicative of the strengthening of that interface as reported in our previous paper 32 and also by Hao et al. for the semicoherent TiN-͑111͒ / 1 ML-Si 3 N 4 − ͑1010͒ interface. 30, 31 The Ti-N bond length in the layer next to the SiN interface has the longest bond distance of 0.2373 nm for the ͑locally͒ stable ͑001͒ interface, of 0.2324 nm for the ͑111͒, and of 0.2336 nm for the ͑110͒ interface. These values are larger than that calculated for fcc͑NaCl͒-TiN of 0.21285 nm. With increasing distance from the SiN interface, the Ti-N bond lengths show damped oscillations approaching the equilibrium value. The Friedel oscillations of the VCD, as seen also in the variable bond distance, reflect the oscillatory nature of VCD in TiN near the SiN interface, because due to the larger electronegativity of Si ͑1.8͒ as compared with Ti ͑1.5͒ ͑Ref. 55͒ and the formation of strong covalent Si-N bonds, the interface is negatively charged.
The origin of the damped oscillations of the bond distances are the oscillations of the VCD, which will be used to study the details of the decohesion and ideal shear across interplanar gaps next to the interfaces. However, more illustrative and easily visible for the reader are the oscillations of valence charge-density differences ͑VCDD͒ defined as the difference between the calculated VCD of the system and those of neutral atoms at the given position. An example of VCDD for the ͑111͒ interface is shown in Fig. 4 . A positive value ͑red color and thicker solid contours͒ means an increase in the negative charge while a negative value ͑blue color and thinner dotted contours͒ means a decrease, as compared to the neutral atoms. Thus positive and negative values of VCDD reflect stronger and weaker interatomic bonds, respectively.͒ The VCDD maps shown in Fig. 4 provide an illustrative picture of the strengthening of the SiN interface, the weakening of the Ti-N layer next to the interface, and of the associated Friedel oscillation. We do not show here the ͑001͒ and ͑110͒ interfaces because they do not involve any significantly new physical picture.
In our previous paper we have shown that the ideal tensile decohesion as well as shear strengths are enhanced by a factor of Ն4 as compared to bulk fcc͑NaCl͒-SiN which is a weak, instable nitride. 32 However, all these values of ideal strengths were lower than those of bulk TiN. This is obviously due to the weakening of the Ti-N layer next to the SiN interface. Hao et al. 30, 31 also reported enhancement of decohesion strength of the fcc-TiN-͑111͒ / Si 3 N 4 − ͑1010͒ interface as compared with bulk Si 3 N 4 . These researchers could not see the weakening of the Ti-N interplanar bonds next to the SiN interface because they performed the computational decohesion "experiment" by fixing the relative positions of the Ti and N atoms in the upper and lower TiN slabs. In such a way they were able to determine the decohesion strength of the Si 3 N 4 interface but not that of the neighboring TiN bonds. Nevertheless, they also observed the oscillations of the bond distances 30, 31, 56 reflecting the presence of Friedel oscillations. Liu et al. have also observed a shortening of the Si-N bonds and elongation of the Ti-N ones 33 which suggests the presence of Friedel oscillations also in their case. Therefore, the effects of the Friedel oscillations on the mechanism of decohesion and ideal shear of the ͑111͒ interface, which have been described in our previous paper, 57 and on of the ͑001͒ and ͑110͒ interfaces to be discussed here, are possibly of general nature for other interfaces in TiN/ SiN x , and in other TmN/ SiN x nanocomposites and heterostructures.
Because the ͑111͒ interface contains only Si atoms and all atomic layers parallel to it contain only one sort of atoms ͑either N or Ti͒, we note that the Friedel oscillations, in the sense of displacements along the neighboring atomic planes perpendicular to the interface, are "in phase" around this interface. 57 However, in the cells with the SiN interfaces parallel to the ͑001͒ and ͑110͒ planes of TiN, the SiN interface, and the planes parallel to those interfaces always contain two sorts of atoms ͑Si and N in the interface, and Ti and N in the TiN layers within TiN away from both sides of the interface͒. This results in a kind of "phase shift" of the Friedel oscillations between the neighbor atomic planes perpendicular to the interface, which contains only Si or N within that interface. This can be clearly seen on the ͑001͒ interface shown in Fig. 2͑b͒ : the Si-N bond distances perpendicular to the ͑001͒ interface are clearly shorter than the N-Ti ones coming out of the SiN interface, and this feature is seen to propagate also in the subsequent layers parallel to that interface.
We shall see that these phase shifts of the Friedel oscillations have important consequences on the sequence of bond ruptures in the terminal responses of decohesion and bond flip over, rotation, and rearrangement in ideal shear. For these reasons, we shall present in the following sections a detailed study of the deformation and failure of the TiN/1 ML-SiN/TiN sandwich for the ͑001͒ and ͑110͒ interfaces under a variety of loading. In order to save space in this paper, we shall restrict our discussion to only several illustrative examples of decohesion and ideal shear which demonstrate the essential features. Figure 5 shows the calculated stress-strain curves for the TiN͑001͒/1 ML-SiN/TiN͑001͒ interface ͓c.f. Fig. 2͑b͔͒ , loaded in tension perpendicular to the interface, and in shear for the three significant slip systems. 58 A comparison with the shear curves for ͑001͓͒110͔ and ͑001͓͒100͔ slip systems for the relaxed cell shown in Fig. 2͑a͒ ͑see Fig. 6 in Ref. 32͒ with those of the ͑locally͒ stable interface in Fig. 2͑b͒ ͑see Fig. 5͒ reveals that the latter interface has a somewhat lower ideal shear strength. In the following figures, we shall show the VCD just before and after the instability. For the convenience of the reader we illustrate these two points by arrows in Fig. 5 for the tensile strain applied along the ͓001͔ direction. In all other cases the reader can identify the points on the stress-strain curves in Fig. 5 according to the value of strain indicated in the figures with VCD. Because of the "phase shifts" of the Friedel oscillations discussed above, we have to distinguish between the planes perpendicular to the interface which contain, within the SiN interface, only Si atoms from those which contain only N atoms. These are shown in Fig. 2͑d͒ as plane I and plane II. One notices that the longest N-Ti bonds in plane I are those where the nitrogen is shared between Si and Ti, whereas in plane II, it is the N-Ti bond directly attached to nitrogen within the SiN interface. Thus, the oscillations of bond lengths in plane I and II are "phase shifted" with respect to each other.
C. Valence charge density upon decohesion and ideal shear
(001) interface
The VCD during the applied tensile strain along the ͓001͔ direction normal to the ͑001͒ SiN interface is shown in Fig. 6 just before ͓Fig. 6͑a͔͒ and after ͓Fig. 6͑b͔͒ the instability of the stress-strain curve in Fig. 5 . One can see that whereas the Si-N distance out of the interface differs only very little from that in equilibrium of 0.1857 nm ͓cf. Fig. 2͑b͔͒ , the N-Ti interplanar bond in the layer next to the SiN carries almost FIG. 5 . ͑Color online͒ Calculated stress-strain curves for the stable TiN͑001͒/1 ML-SiN/TiN͑001͒ interface ͓see Fig. 2͑b͔͒ and the deformation modes as indicated. The arrows indicate the points just before and after the instability in the case of tensile strain and stress applied in the ͓001͔ direction normal to that ͑001͒ plane. See remark in Ref. 58. the entire tensile strain, applied to the whole cell. Moreover, decohesion commences within the plane I, which contains the Si atoms in the interface, already before the instability of the stress-strain curve ͑see Fig. 5͒ , whereas in plane II, which contains only N atoms within the SiN interface, the decohesion occurs only after the instability. The phase shift of the Friedel oscillations is responsible for this phenomenon.
There is obviously electronic interaction between the "more covalentlike" plane I and the "more metalliclike" plane II, which is responsible for the fairly smooth shape of the decohesion curve after the instability, where the processes in one plane drag those in the other along and where the stress decreases continuously to zero with increasing strain as a result. In contrast, the stress-strain curve for decohesion of the ͑111͒ interface, where the Friedel oscillations are in phase, shows an abrupt decrease just after the instability ͑see Fig. 2 in Ref. 57͒. We shall see later, that decohesion of the ͑110͒ interface is even more complex. Notice also that the Si-N distance of 0.1825 nm after the instability is shorter than that of 0.1857 nm in the equilibrium state at zero strain ͓c.f. Fig. 2͑b͔͒ . Figure 7 shows the VCD behavior upon shear stress applied across the ͑001͒ interface in the ͓110͔ direction, which is the weakest one ͑see Fig. 5͒ . The white arrow shows the flip over of the Ti-N bond from atom Ti͑1͒ to Ti͑2͒ due to the shear displacement. One can see that in plane I the flip over occurs between the Ti and N which is bonded to Si, whereas in plane II it occurs between Ti bonded to N within the SiN interface. Thus, the shears in plane I and II occur "phase shifted" in a similar manner as the decohesion. The depletion of VCD within the "sliding Ti-N interface" in plane I is larger than that in plane II because the former contains Si atoms within the SiN interface which strongly attract valence charge from the N atoms adjacent to the "sliding Ti-N interface."
Notice that after the instability, the system is still not fully relaxed. The negative value of the stress in Fig. 5 means that the system tries to restore the crystal symmetry to a new equilibrium by completing the shear displacement to oneatomic distance. This is even more pronounced for the ͑001͓͒110͔ slip system ͑see Fig. 5͒ . We note that the unloading portions of the shear curves in Fig. 5 , past the point of maximum resistance, show a sharp drop rather than the expected smooth decline resembling the expected Frenkel sinusoid. 59 This is an artifact of elastic unloading in the upper and lower parts of the crystal outside the actual sheared zone while the shearing strain increases in the intense shearing zone. This is accentuated by the representation of the average shear strain across the cell, rather than just what occurs inside the intense shearing zone ͑see also Fig. 2.2 on   FIG. 6 . ͑Color online͒ The changes in valence charge density of the stable TiN͑001͒/1 ML-SiN/͑001͒TiN interface during applied tensile strain to ͑001͒ distorted interfaces ͓see Fig. 2͑b͔͒ along the ͓001͔ direction normal to that interface: ͑a͒ just before ͑strain = 0.1487͒ and ͑b͒ after ͑strain = 0.1717͒ the instability. The small ͑black͒ italic numbers indicate the contours of the VCD. Figure 8 shows the stress-strain curves calculated for the TiN͑110͒/1 ML-SiN/TiN͑110͒ interface ͑see remark Ref. 61͒. Letters a, b, c, and d in Fig. 8 indicate the strain values for which VCD evolution will be shown in Fig. 11 below. The value of the ideal decohesion strength is between those of the ͑001͒ and ͑111͒ interfaces whereas the ideal shear strength of the ͑110͓͒001͔ slip system is the highest of all. This is a direct result of the fact that the ideal shear strain of the ͑110͓͒001͔ system is larger by a factor of 2.83 than that of the ͑111͓͒110͔ system, as is clear from the NaCl type structure of TiN. This, by the simple Frenkel sinusoid model of ideal shear immediately accounts for the rather different shear resistances of these two ideal shear systems. Parenthetically, the shapes of these curves clearly differ from those for the ͑111͒ ͑Ref. 57͒ and ͑001͒ interfaces where no such corresponding large differences in the ideal shear responses were present:
(110) interface
͑1͒ The shear curves show a maximum of stress followed by its smooth decrease before the final instability whereas those for the ͑111͒ and ͑001͒ reach a maximum just before the instability occurs.
͑2͒ The curve for tensile load shows, after the instability, a step-wise behavior with several ranges where the stress slightly increases with increasing strain.
These phenomena are related to the complex changes in the electronic structure of this interface upon deformation. In order to illustrate this we show in Fig. 9 a more detailed view of the structure of this interface and of four atomic planes which will be important in the further discussion. This structure and values of the bond distances correspond to the state after full relaxation of the total energy to the ͑locally͒ stable state as described above. By analogy to the above discussion of the ͑001͒ interface, planes I are perpendicular to the interface and contain Si atoms within the SiN interface, whereas planes II are running through the chains of N atoms in that interface. For both, planes I and II, we distinguish between planes ͑110͒ and ͑001͒ as shown in the top view of Fig. 3͑d͒ . Like for the ͑001͒ interface, the Friedel oscillations show phase shift because the Si-N bonds extending out of the SiN interface in planes I are the shortest ones ͓0.1957 nm, see Fig. 3͑b͔͒ followed by the longest N-Ti ones ͑0.2336 nm͒, whereas in planes II the N-Ti bonds out of the SiN interface are with 0.2167 nm ͓see Fig. 3͑a͔͒ longer than the next following Ti-N bonds of 0.2079 nm. These differences are due to a higher electronegativity of Si as compared to Ti and the FIG. 8 . ͑Color online͒ Calculated stress-strain curves of TiN͑110͒/1 ML-SiN/͑110͒TiN interface for the deformation modes as indicated. The letters inserted on the decohesion curve indicate the values of strain for which the VCD is shown in Fig. 11.   FIG. 9 . ͑Color online͒ Valence charge-density difference in the plane I, which contains Si-atoms in the TiN͑110͒/1 ML-SiN/ ͑110͒TiN interface shown in the ͑a͒ ͑110͒-I, ͑b͒ ͑001͒-I planes, ͑c͒ ͑110͒-II, and ͑d͒ ͑001͒-II planes as illustrated in the middle of the figure. The color scale runs from −0.055 at bottom ͑blue͒ to +0.04 electrons/ Bohr 3 at the top ͑red͒. The small ͑black͒ italic numbers indicate the contours of the VCDD.
formation of strong Si-N bonds that weaken the neighbor N-Ti ones.
Figures 9͑a͒ and 9͑b͒ show the VCDD in the planes I ͑110͒ and ͑001͒, respectively, as illustrated in the middle of the figure and in the following denoted as ͑110͒-I and ͑001͒-I. Figures 9͑c͒ and 9͑d͒ show the corresponding planes II ͑110͒ and ͑001͒ which are further denoted as ͑110͒-II and ͑001͒-II, respectively. Again, these figures correspond to the fully relaxed state at zero strain. For the sake of the discussion of the decohesion and ideal shear, we show in Fig. 10 the VCD maps of the TiN͑110͒/1 ML-SiN/͑110͒TiN interface for the four relevant planes after full relaxation at zero strain. One notice the large differences in the VCD in the four planes, which, as we shall see, play a role in the atomistic mechanism of decohesion and ideal shear. Again, the N-Ti bonds next to the SiN interface are the weakest ones, particularly in the ͑001͒-I plane. One notices the very low VCD within the interplanar N-Ti bonds attached next to the SiN interface in the ͑001͒-I plane ͑see "b1" in Fig. 10 left͒. Figure 11 shows the changes of the VCD around the TiN͑110͒/1 ML-SiN/͑110͒TiN interface upon applied tensile strain along the ͓110͔ direction, which is perpendicular to the ͑110͒ SiN interface, for all four relevant planes specified in Fig. 3͑d͒ . The values of the applied strain, ͑a͒ 0.1487 just before the instability, and ͑b͒ 0.1717, ͑c͒ 0.1951, and ͑d͒ 0.2190 after the instability, are indicated in each figure and can be compared with those in Fig. 8 . A comparison of Fig.   FIG. 10 . ͑Color online͒ The valence charge density of the TiN͑110͒/1 ML-SiN/͑110͒TiN interface shown for the four relevant planes after full relaxation at zero strain. The small ͑black͒ italic numbers indicate the contours of the VCD.
. ͑Color online͒ The changes in the valence charge density of the TiN͑110͒/1 ML-SiN/͑110͒TiN interface upon applied tensile strain along the ͓110͔ direction, which is perpendicular to the ͑110͒ SiN interface, for all four relevant planes specified in Fig. 3͑d͒ . The values of the applied strain are indicated in each figure and can be compared with those in Fig. 8 . The small ͑black͒ italic numbers indicate the contours of the VCD. 11͑a͒ for strain of 0.1487 just before the decohesion instability ͑see Fig. 8͒ with Fig. 10 shows a decrease in the VCD in the region b1 of the ͑001͒-I plane, and smaller changes in the other ones. After the instability at strain 0.1717 ͓see Fig.  11͑b͔͒ , VCD depletion indicative of the onset of decohesion is seen in regions marked b1, b2, and b3 in planes ͑001͒-I, ͑001͒-II and ͑110͒-II, respectively, but much less change in plane ͑110͒-I. Because the regions b1, b2, and b3 are in different interplanar N-Ti bonds located at different distance from the SiN interface, and the ͑110͒-I plane still withstands decohesion, the stress-strain curve ͑Fig. 8͒ somewhat "stabilizes" for the next strain step to the value of 0.1951 ͓see b and c of Fig. 8͔ . This "stabilization" is due to a partial transfer of the valence charge from the weakened bonds to the neighboring ones in a different distance from the SiN interface. Upon a further increase in the strain to the value of 0.2190, a decrease in the stress is seen in Fig. 8 ͑see point d͒, and new onsets of decohesions marked by b4 and b5 are seen in the VCD shown in Fig. 11͑d͒ . These bonds are located further from the SiN interface. Thus, the decohesion event is not localized to one layer parallel to the interface as found, e.g., for the ͑111͒ interface where the N-Ti bonds attached directly to the SiN interface break ͑see Fig. 3 in Ref. 57͒, but it spreads more into the interior of the TiN slab. The appearance of several discontinuities followed by a temporal stabilization, which are seen on the decohesion curve in Fig. 8 , have their origin in similar restructuring and delocalization of the VCD distribution into the interior of the TiN slab. The latter is a consequence of the complex "phase shifts" of the Friedel oscillations within the atomic planes perpendicular to the interface.
Next we shall study the mechanism of the ideal shear within the slip systems shown in Fig. 8 . Figure 12 shows the changes in the VCD of TiN͑110͒/1 ML-SiN/͑110͒TiN interface upon shear applied in the ͓110͔ direction just ͑a͒ before ͑strain ␥ = 0.1700͒ and ͑b͒ after ͑strain ␥ = 0.1934͒ instability in both ͑001͒-I and ͑001͒-II planes. Comparing with Fig. 10 one can see a slight rotation of the N atoms around the Si and Ti atoms within the planes ͑001͒-I and ͑001͒-II, respectively, as illustrated by the white arrows just before the instability at strain of 0.1700. This rotation is responsible for the slight decrease in the stress with increasing strain after the stress maximum at strain of about 0.15 ͑c.f. Fig. 8͒ because, although Si atoms are still bonded to four N neighbors in the plane, the distance to the N-atoms number 2 and 4 increases resulting in a "softening" of the interface. After the instability of the stress-strain curve at strain of 0.1934 ͑c.f. Fig. 8͒ , these bonds break forming strong bonds with two up and down neighbor Si atoms, and the N atoms number 1 and 3 rotate clockwise as shown in Fig. 12͑b͒ . As a result, strong Si-N bonds in the direction perpendicular to the interface are formed ͓see the white lines in Fig. 12͑b͔͒ , with a noticeable decrease in the VCD to the left and right from them, when the shear stress decreases to zero ͑c.f. Fig. 8͒ . In the ͑001͒-II plane, Ti atoms rotate around the N atoms which are within the SiN interface resulting also in Ti-N-Ti bonds arranged perpendicularly to the interface and VCD depletion to the left and right ͓c.f. Fig. 12͑b͒ with Fig. 10͔ . This zero-stress state is a metastable intermediate because a new equilibrium can be reached only after a full one-atomic shear step corresponding to a shear strain equal to 1.0. This "rotational bond shear" explains in a natural way why in the ͑111͓͒110͔ slip system the instability occurs at the lower shear stress than the maximum ideal shear strength, because in all other slip systems the shear occurs under bond rearrangement and breaking as illustrated for the ͑111͒ interface in Fig. 4 of Ref. 57 and for the ͑110͓͒001͔ slip system below. Figure 13 shows the changes in the VCD distribution of TiN͑110͒/1 ML-SiN/͑110͒TiN interface upon shear applied in the ͓001͔ direction just ͑a͒ before ͑strain ␥ = 0.4242͒ and ͑b͒ after ͑strain ␥ = 0.4526͒ the instability ͑c.f. Fig. 8͒ . There is only a small distortion of the atomic arrangement just before the instability at a strain ␥ = 0.4242 in both planes ͑110͒-I and ͑110͒-II ͓see Fig. 13͑a͒ , left͔. After the instability at a strain ␥ = 0.4526 there is clearly Ti-N bond breaking as marked by the double-arrows in Fig. 13͑b͒ , whereas the other neighbor Ti-N distance ͑e.g., between Ti-atom 1 and N-atom 3͒ decreases by about 15% as compared with that before the instability. One can also see the decrease in VCD in regions of the long Ti-N distance as well as in planes parallel next to the SiN interface. Thus, the zero-stress state at shear strain of Յ0.5 corresponds to a metastable intermediate which will shear easily to complete the one-atomic shear step. 
IV. DISCUSSION
The present results show that the strengthening of the SiN interfaces between TiN nanocrystals is due to valence charge transfer to that interface with formation of strong Si-N bonds. This behavior is similar to that already described for the stoichiometric, semicoherent TiN-͑111͒ / Si 3 N 4 − ͑1010͒ interface by Hao et al. 30, 31 In the present paper we have shown that this charge perturbation leads to Friedel oscillations and weakening of the bonds between the Ti and N atoms attached to the Si atoms within the interface. In the case of the ͑111͒ interface which contains only Si atoms, the Friedel oscillations are "in phase" so that the Ti-N bonds attached directly to the SiN interface are the "weakest link" where the decohesion and shear occur under the applied tensile and shear stresses ͑see Ref. 57 for further details͒. Because the ͑001͒ and ͑110͒ SiN interfaces contain both Si and N atoms, Friedel oscillations in the perpendicular planes containing either only Si or only N atoms within the interface are "phase shifted" with respect to each other, resulting in corresponding shifts of the weakest Ti-N bonds. As a result, the details of decohesion and ideal shear are much more complex. Nevertheless, they explain in a simple manner why the ͑110͓͒001͔ slip system is the strongest one because the critical shear instability involves TiN bond breaking which extends into the interior of the TiN slab ͑or nanocrystal͒.
Of course, all the semicoherent or pseudomorphic, distorted SiN x interfaces considered by Hao et al. as well as in the present paper are special interfaces and not likely to occur solely in the nanocomposites with randomly oriented, 3-4 nm size grains, and where portions of the singular TiN crystalline surfaces are likely to extend no more than 1-2 nm 2 . The experimentally found fact that the preferential ͑220͒ orientation of pure TiN films changed to random upon addition of SiN x , when the maximum hardness has been achieved with about 1 ML of Si 3 N 4 ͑Ref. 62͒ indicates that there is a strong driving force that minimizes the total interfacial energy by selecting the most stable and most frequently encountered interfaces, such as TiN-͑111͒ / Si 3 N 4 − ͑1010͒ one 30 or some pseudomorphic substoichiometric SiN x variety. It must be kept in mind that TiN nanocrystals of an almost regular shape 12 are terminated by a variety of possible lattice planes that are not accessible to a direct observation even in HRTEM because of the random orientation of the nanocrystals. Last but not least, since amorphous covalent solids can be prepared with a very low density of defects ͑see e.g., Ref. 63͒, incoherent interfaces with a low density of flaws may also occur.
The random orientation of the nanocrystals in the fully segregated nanocomposites with high thermal stability is important for their higher hardness as compared to heterostructures. This is because in the latter plasticity results from conventional crystallographic slip processes ͑which is, compared with bulk TiN, somewhat hindered by the Koehler mechanism 64 ͒ while in the polycrystalline nanocomposites the crystalline grains are too small to deform by crystal plasticity and nearly all plastic straining occurs by shear at randomly oriented TiN/ 1 ML-SiN x / TiN interfaces in the solid.
In the present paper we demonstrated that this shear occurs in the stretched Ti-N bonds near the SiN x interface as a result of the modulation of VCD caused by the Friedel oscillations.
Noting this new insight we can now recall the important developments in our earlier paper. 32 There we used the calculated shear strengths of the TiN/ 1 ML-SiN x / TiN interfaces. Then, considering augmentation of these resistances by a pressure effect, deriving from these a tensile plastic resistance through invoking the polycrystalline Sachs 65 average, and finally considering the well-known Tabor factor relating the tensile plastic resistance to indentation hardness, we demonstrated that these considerations fully account for the measured hardnesses of the quasiternary nanocomposites of nc-TiN/ a-Si 3 N 4 / TiSi 2 at a level in excess of 100 GPa. The validity of the Tabor factor for the ultrahard nanocomposites, which have a higher ratio of hardness to Young's modulus than diamond, has been recently verified 66 by means of nonlinear finite element modeling that accounts for pressure enhancement of elastic moduli and of flow stress. 67 We recall here also that a necessary condition for achieving such high hardnesses in fully segregated nanostructures requires a very low impurity content of less than 100 ppm 3, 8 in order to form an almost flaw-free SiN x interface. 9, 10 The finding of the present paper that, as a result of Friedel oscillations, the TiN bonds next to the strengthened SiN x interface weaken, motivates a search for other TmN/ SiN x systems where such a weakening may occur to a lesser extent yet strengthening of the SiN x interface is retained. However, it may turn out that Friedel oscillations with all their conse-FIG. 13 . ͑Color online͒ The changes in valence charge density of TiN͑110͒/1 ML-SiN/͑110͒TiN interface upon shear applied in the ͓001͔ direction just ͑a͒ before ͑strain ␥ = 0.4242͒ and ͑b͒ after ͑strain ␥ = 0.4526͒ the instability. The small ͑black͒ italic numbers indicate the contours of the VCD. quences may impose a fundamental limit to the achievable hardness in nanocomposites to be in the range of Յ150 GPa. 32 It is worth noting that the observed form of shear adjacent to the ͕111͖ interfaces of being made up of two complementary ͗112͘ type half steps in the ͕111͖ plane, 57 demonstrating very similar features characteristic of fcc metal crystals, may suggest that this might be more universal in all TiN crystallites with glide of extended dislocations containing stacking faults between partials, etc.
68 ͑see also Ref. 69͒. However, this will remain as an interesting conjecture until demonstrated to be so. Furthermore, the phase shift of the Friedel oscillations observed for the ͑001͒ and ͑110͒ interfaces resulting in very complex atomistic mechanisms of decohesion and shear should be important also in other TmN-SiN x nanocomposite systems.
V. CONCLUSIONS
Using ab initio DFT method we calculated decohesion and shear strengths of several fcc-TiN/1 ML-SiN/TiN interfaces. The strengthening by a factor of 4-10 reported in our earlier paper 32 is due to valence charge transfer to the 1 ML-SiN interface which strengthens the Si-N bonds. The Friedel oscillations, which occur as a consequence of the electronic perturbation of the system, result in a weakening of the Ti-N bonds within TiN planes attached to the 1 MLSiN interface. These are the weakest links where decohesion and shear occur under applied normal or shear stress. In spite of this weakening, the overall strengthening of the interface provides the fcc-TiN/1 ML-SiN/TiN heterostructures with hardness enhancement up to about 35 GPa. In the nc-TiN/ a-Si 3 N 4 nanocomposites with randomly oriented TiN nanocrystals, the Sachs's averaging, together with the pressure enhancement of flow stress and Tabor's relationship ͑whose validity for these materials has been verified͒ explain in an easily understandable manner that hardness in excess of 100 GPa can be achieved in such nanocomposites.
